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ABSTRACT: The frequency dependent viscoelastic properties and lamellar spacing of three symmetric
styrene—isoprene (PS—PI) diblock copolymers are compared to those of their hetero-four-arm star
counterparts. The PS and Pl arm molecular weights of the three linear and three star samples are 10,
20, and 60 kg/mol, respectively. All six samples were unoriented and had lamellar morphology for
temperatures less than Topr, the order—disorder temperature for each molecular weight. The lamellar
spacing D at the same temperature was found to scale with overall molecular weight N according to D
~ N?, with 6 ~ 0.7 for both linear and stars. However, the star chains were consistently 5—10% more
strongly stretched compared to their linear counterparts. For the 10K arm materials, the critical frequency
for the onset of mesophase relaxations (w) for the stars was found to be about 20 times smaller compared
to the linears. This difference correlated very well with quantitative estimates of the inverse layer hopping
time of the chains, suggesting that mesophase relaxations for the 10K arm materials may be controlled
by layer hopping of chains. For the 10K and 20K arm materials, relaxation of the PS chain deformations
are dominant for w > why,,, whereas nonclassical terminal scaling of G', G" ~ %2 was observed for o <
wbSand T < Topr due to mesophase relaxations (whay, is the PS block terminal relaxation frequency).
In addition, the linear rheology of the linear and star analogues coincide for w > w5, but an additional
shoulder emerges in the star materials for o ~ wfesrm. By fitting to a simple model incorporating free
chain Rouse dynamics and mesophase relaxations, we were able to obtain excellent quantitative fits to
the 20K materials across the whole frequency range and conclude that the observed shoulder in the star
materials was due to differences in the linear and star mesophase relaxations. The fitted w. and Gup (the
mesophase modulus) values are in good agreement with Kawasaki—Onuki theory indicating that the
mesophase relaxations of the 20K arm materials may be controlled by collective hydrodynamic layer
fluctuations rather than layer hopping of chains. For the 60K arm materials, qualitatively different
behavior compared to the lower molecular weight samples was observed: PI rate controlled relaxation
with G', G ~ w'2 was observed for o > w5 . We identify this relaxation as a PI controlled mesophase
relaxation. Theoretical estimates of w. for this mechanism using Kawasaki—Onuki theory yield o >
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oS in support of our suggestion.

I. Introduction

Block copolymers are macromolecules where se-
qguences, or blocks, of chemically distinct repeat units
are covalently bonded together within the same mol-
ecule. One of the most striking features of these
macromolecules is that, in the melt phase, the distinct
chemical units microphase separate at low enough
temperatures to form ordered microdomains whose
length scale is of the order of the size of a molecule. This
transition is called the order—disorder transition (ODT)
and the temperature at which it occurs is known as the
order—disorder transition temperature (Topt). For T >
TopT, the system is in the disordered state and its
rheology is similar to that of homopolymer melts.
However, qualitatively different behavior is observed for
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T < Topr for frequencies below the terminal frequency
for molecular relaxations. Because of formation of
microdomains, nonclassical terminal behavior, sensitive
to the symmetry of the microdomain morphology, is
observed.! Until relatively recently, most rheological
studies on block copolymers have tended to focus on
block copolymers with simple linear architecture, no-
tably on diblocks and triblocks.1~1% However, advances
in synthetic chemistry, especially in the area of anionic
polymerization, have allowed block copolymers with
more complex molecular architectures, specifically those
with branched architecture, to be synthesized. This has
opened up a whole new dimension in block copolymer
research, namely the influence of molecular architecture
and topology on solution and melt properties of block
copolymers. For some examples of studies on the
dynamical properties of block copolymers with complex
molecular architecture, see refs 11—13.

For well entangled homopolymers, the presence of
long chain branching has a dramatic effect on dynamical
and rheological behaviors. The theory is particularly
well-developed for the rheology of homopolymers with
the simplest branched architecture, namely that of
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AB diblock:
L10,L20,L60

A,B, star:
s10,S820,860

Figure 1. AB diblock vs A;B; hetero-arm star block copoly-
mer.

stars, which contain a single branch point.1415 To
explore the effect of branched architecture on block
copolymer rheology, we report here results for sym-
metric polystyrene (PS)—polyisoprene (P1) AB diblock
copolymers compared to their hetero-four-arm star
analogues A;B, (see Figure 1). Block copolymers with
AnBn architecture have been successfully synthesized
by various co-workers using anionic polymerization.16-19
A;B, can be thought of as being made up of two AB
diblocks joined together at the block junction to form a
star polymer; as such, it represents the simplest branched
block copolymer. The resultant A;B; is thermodynami-
cally similar to the constituent AB diblocks, but we
expect the presence of the branch point to lead to
different dynamical behavior. To study the effect of PS
and Pl entanglement on block copolymer rheology, a
total of three diblock copolymers with different PS and
PI block lengths (labeled L10, L20, L60) were synthe-
sized together with their hetero-arm star counterparts,
labeled S10, S20, and S60, respectively. The PS and PI
arm molecular weights are about 10 kg/mol for L10
and S10, 20 kg/mol for L20 and S20 and 60 kg/mol for
L60 and S60. The block lengths were chosen so that for
L10 and S10, both Pl and PS blocks are nominally
unentangled, for L20 and S20 only the PI block is
entangled, and for L60 and S60, both PS and PI blocks
are entangled. (The critical weight for entanglements
for PI and PS homopolymers is respectively ME’S ~ 30
kg/mol, M!' &~ 10 kg/mol.20)

A first attempt at studying AB vs A;B> rheology was
made by Johnson et al.!! Unfortunately, for the non-
symmetric compositions used, comparison of the linear
and star data was complicated by the fact that linear
and star analogues did not necessarily have the same
morphology. The use of symmetric block copolymers
allows us to overcome this problem since both stars and
linears in this case are theoretically predicted and
experimentally confirmed to have lamellar morphology
(see subsection I11.A). Mean-field theory predicts sym-
metric AB and A;B; to be thermodynamically identi-
cal.2122 |n fact, a previous study has revealed that the
linear and star analogues have significantly different
Topt.22 This is believed to be due to compositional
fluctuations and additional non-Gaussian chain stretch-
ing in A;B, induced by the star branch point, both
effects not being accounted for in the mean-field theory.
Including both these effects within the framework of a
simple model calculation reproduced differences in Topr
between AB and A;B, comparable to experimental
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values.??2 Notwithstanding this technical complication,
the linear and star samples are similar enough ther-
modynamically as to allow for meaningful comparison
of their rheology.

Most previous studies on block copolymer dynamics
have focused on the mesophase relaxation regime. For
more strongly incompatible block copolymers, e.g., PS—
PI, this has necessitated the use of low molecular weight
samples in order to have experimentally accessible
values of Topr. This has however meant that the
molecular relaxation spectra is only accessible over a
narrow frequency range using conventional rheometers
because of the very short terminal molecular relaxation
times. This shortcoming is overcome in our study by the
use of higher molecular weight block copolymers (i.e.,
L20, S20, L60, and S60). Although this means that Topt
is no longer accessible for all these samples, the use of
higher weights allows us to probe more fully the
rheology for frequencies above the molecular terminal
relaxation frequencies. Interestingly, we find qualita-
tively different behavior for these higher molecular
weight samples both below and above the molecular
terminal relaxation frequencies. For L20 and S20 we
find, in contrast to the 10K arm materials, that the
mesophase relaxations appear to be controlled by col-
lective hydrodynamic layer fluctuations rather than
chain hopping events (see subsection 111 C). For L60 and
S60, we find novel and hitherto unexpected partial
relaxation of mesophase stress at frequencies higher
than the PS terminal molecular relaxation frequency
(see subsection 111.D).

A brief outline of the paper is as follows. Section Il is
the Experimental Section, where details of the synthesis
and characterization of the block copolymers as well as
of the small-angle X-ray scattering (SAXS) and rheology
measurements are given. Section Ill constitutes the
bulk of the paper, where the SAXS and rheology results
are presented and discussed for all six copolymer
samples. Finally in section 1V, we give a summary of
our main findings as well as suggestions for future work.

I1. Experimental Section

A. Synthesis and Characterization. The general proce-
dure of the synthesis of both the linear and star samples has
been outlined elsewhere.?? After synthesis, the molecular
weight and dispersity of the samples were determined using
SEC (size-exclusion chromotography) and osmometry. The
composition of all six samples was also determined by *H NMR
spectroscopy using a Bruker AC250 instrument. The glass
transition temperature (Ty) of the PS phase was determined
using DSC with a heating rate of 10 °C/min. The molecular
weight, dispersity and composition data are collected in Table
1 while the Ty(PS) data are collected in Table 2.

The order—disorder transition temperature (Topr) of L10
and S10 has been measured previously using rheology and
SAXS?? and was found to be Topr ~ 158 °C for L10 and Topr
A~ 200 °C for S10. The rheology measurements are repeated
in subsection I11.B, and good agreement is found with the
previous measurement. The Topr of the higher molecular
weight samples can be estimated theoretically from Fredrick-
son-Helfand fluctuation theory.??23 This gives (yN)opt for
symmetric AB diblocks and A;B; stars to be, respectively

((N)opr = 10.5 + 41N 13 (1)
((N)opr = 10.5 + 34N 13 @)

where y is the Flory interaction parameter between A and B
monomers, N is the total number of monomers in an AB
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Table 1. Molecular Weight and Dispersity Data for Styrene—Isoprene Block Copolymers]

isoprene arm (SEC) styrene arm (SEC) copolymer
Mnp, Mnp, (osmom) (SEC) (NMR)
sample kg mol -1 Mw/Mp kg mol~1 Mw/Mn Mpn, kg mol—1 Mw/Mn wt % styrene
L10 10.82 10.3 1.02 21.1b 1.01 48
L20 20.52 20.9 1.01 41.4 1.01 51
L60 63.52 61.5 1.01 125 1.01 50
S10 9.7 1.02 10.3 1.02 40.0° 1.01 49
S20 19.9 1.01 21.0 1.02 81.6 1.01 48
S60 56.8 1.01 61.6 1.01 239 1.02 50

a Calculated from Mn(copolymer) — My(styrene arm). Mn(copolymer) corrected for composition.  Determined from SEC. ¢ M,, determined

by static light scattering.

Table 2. Thermodynamic and Thermorheological Properties of the Styrene—Isoprene Block Copolymers?2

sample Ty(PS)I°C Toot/°C g*(140 °Cy/A-1 c1(To = 140 °C) co(To = 140 °C)
L10 75 1590 0.0360 7.06 139
S10 82 198P 0.0328 5.96 105
L20 90 263¢ 0.0221 5.18 81.0
S20 95 269°¢ 0.0205 5.59 73.6
L60 100 370° 0.0099 1.26 (high ) 48.9 (high o)
7.049 (low w) 89.84 (low w)
S60 102.5 371¢ 0.0094 2.11¢ (high o) 237¢ (high o)
7.049 (low o) 89.8¢ (low o)

a Note that the top and bottom sets of ¢, and c; coefficients for L60 and S60 correspond to the values used to superpose the high and
low o data, respectively. ® Determined from rheology. ¢ Theoretical estimate using method described in subsection 11.A. 9 ¢, ¢, for pure

PS (ref 20). © cq, ¢, for pure PI (ref 20).

diblock, and N = bé/v2N with b = 1/2 (ba2 + bg?) being the mean
monomer length and v = (vavg)? the mean monomer volume.
Using the PS and Pl parameter values given in Appendix A
and the temperature dependent y parameter given by?*

A(T) = 6—T6 — 0.0937 3)

we obtain Topr Values for the higher molecular weight samples
given in Table 2. The predicted Topts are much higher than
the sample degradation temperature (~ 200 °C)!! and therefore
could not be accessed experimentally.

B. Small-Angle X-ray Scattering. SAXS experiments
were conducted at the Synchrotron Radiation Source, Dares-
bury Laboratory, Daresbury, U.K., on beamline 8.2. This
beamline is configured with an X-ray wavelength 1 = 1.5 A.
Details of the storage ring, radiation, camera geometry, and
data collection electronics have been given elsewhere.?® The
sample in powder form was placed in a TA Instruments DSC
pan fitted with 25 um mica windows. Solvent casting was
avoided to ensure that the sample was in an equilibrium state.
The loaded pans were placed in the cell of a Linkam DSC of
single-pan design. The cell comprised a silver furnace around
a heat-flux plate with a 3 x 0.5 mm slot, the sample being
held in contact with the plate by a low-thermal-mass spring.
A more complete description of the DSC and the sample pans
can be found elsewhere.?¢ Scattered photons were collected on
a multiwire quadrant positional sensitive detector located 2
m from the sample. A scattering pattern from an oriented
specimen of wet collagen (rat-tail tendon) was used for
calibration of the q scale range of the detector, (q = 4x sin
6/, where the scattering angle is defined as 26). The experi-
mental data were corrected for background scattering (from
the camera and empty shear cell), sample absorption, and the
positional alinearity of the detector.

C. Rheology. Rheological measurements were performed
using a Rheometrics RDAII rheometer. For L20, S20, L60, and
S60, a 25 mm diameter parallel plate geometry was used. For
L10 and S10, a 35 mm cup and plate geometry was used
instead. This was because for the high strain amplitudes that
were required to obtain measurable signals near the ODT, it
was found that sample was expelled from the gap when a
parallel plate geometry was used (presumably due to a flow
instability). We have checked that for lower strains and
temperatures, measurements performed with parallel plate

geometry and cup and plate geometry give essentially the same
results. The larger plate diameter of the cup and plate
geometry had the further advantage of producing a larger
torque for a given strain, thus increasing the sensitivity of our
measurements.

Samples for rheological measurements were prepared as
follows. For L20, S20, L60, and S60, approximately 1 g of bulk
polymer powder was pressed into a disk at room temperature,
and the disk was then transferred into a vacuum oven and
annealed at 120 °C for 24 h. After cooling to room temperature,
the disk was placed in the rheometer oven and heated to 120
°C for L20 and S20 and 140 °C for L60 and S60 under nitrogen
gas atmosphere for 1 h to remove any air bubbles. The disk
was then squeezed between the plates to a gap of ap-
proximately 1 mm and a diameter of 25 mm. After cooling to
room temperature, the oven door was opened and any excess
material around the plates was removed by a sharp razor
blade. The oven was closed again and the temperature was
increased to 100 °C; this was maintained for 30 min with
enough normal force applied on the plates for the polymer to
conform to the plate diameter. For L10 and S10, approximately
1 g of bulk polymer powder was pressed into a disk at room
temperature; the disk was then transferred into a vacuum
oven and annealed at 80 °C for 48 h to remove any residual
solvent. After cooling to room temperature, the disk was placed
in the bottom cup plate of the rheometer and heated to 140
°C under nitrogen atmosphere for about 10 min to melt the
sample into the shape of the cup geometry and to remove any
bubbles formed in the drying process. The sample was then
squeezed between the plates to a gap of approximately 1 mm.

The sample preparation procedure outlined above inevitably
produces some lamellar alignment, especially during compres-
sion of the samples. However, given that the major part of the
compression is carried out at room temperature, which is well
below the T, of the styrene phase, we expect the degree of
alignment due to sample preparation to be minimal. This is
confirmed by the fact that in subsequent dynamic frequency
sweeps, we observe nonclassical terminal behavior for all our
samples characteristic of lamellar phases with no long-range
order in lamellar orientation.

To determine Topt for L10 and S10, dynamic temperature
sweeps with temperatures decreasing or increasing at a rate
of 5 °C were performed. A strain amplitude of 5% at a
frequency of 1 rad/s was applied to the sample during cooling
or heating. According to well-documented procedures®* the
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Dynamic Strain Sweep of 510
T=140°C

A =1 rad/s
e »=10rad/s
= »=100 rad/s

10 100
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Figure 2. Dynamic strain sweep of S10 at three different
frequencies. (G* = (G'2 + G''?)12,

order—disorder transition (ODT) can be identified by a sharp
drop in G' on heating or a sharp rise in G’ on cooling. To
remove the residual effect of sample preparation history, each
sample was subjected to the temperature sweep cycle twice
and the result from the second sweep cycle was used to
determine Topr.

Dynamic strain sweeps were performed to determine the
extent of linear viscoelastic regime for all the samples. A
typical plot is shown in Figure 2 for the case of S10. The strain
sweeps show that the linear viscoelastic regime extends to
approximately 2% for all the samples. Strain amplitudes of
2% were therefore used for all dynamic frequency sweep
measurements where possible. However for L10 and S10, we
found it necessary to use higher strain amplitudes (5—60%)
as Topr was approached to compensate for the drop in
modulus. For each polymer, dynamic frequency sweeps were
carried out over a frequency range of 0.1—100 rad/s and a
temperature range between 100 and 210 °C (at higher tem-
peratures, a frequency range of 1—100 rad/s was used to
minimize sample exposure to high temperatures). The lowest
temperature used for each sample was 20—30 °C above the Ty
of PS, to ensure that we have melt conditions. The highest
temperature used did not exceed 210 °C because of problems
with sample degradation above this temperature.'! SEC traces
of L10 and S10 were taken after the rheology tests to check
for sample degradation as these samples were subjected to
high temperatures. No measurable degradation was found for
L10, and less than 1% degradation was found for S10.

I11. Results and Discussion

A. Small-angle X-ray Scattering. In Figure 3, we
plot the small-angle X-ray scattering powder diffraction
pattern for all six samples measured at T = 140 °C while
in Figure 4, the first-order reflection peak g* is plotted
as a function of the total polymerization number of the
linear analogue N. The g* values for all six samples are
collected in Table 2. From indexing the reflection peaks
in the SAXS patterns, the 20K and 60K arm materials
(i.e., L20, S20, L60, S60) were confirmed to have
lamellar morphology. The 10K arm materials (i.e., L10,
S10) are only weakly segregated, and consequently only
one order of reflection was observed. However, they are
also expected to have lamellar morphology on the basis
of composition. In addition, we have performed shear
orientation experiments on these samples, and the
resultant SAXS patterns from cut-up samples in three
orthogonal planes are consistent with the samples
having lamellar morphology with the lamellae oriented
parallel to the shear plates. From Figure 3, we see that
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Figure 3. Small-angle X-ray scattering powder patterns for
L10, S10, L20, S20, L60, and S60 (a—f respectively) obtained
at 140 °C. Note that the first-order reflection peak g* for L60
and S60 (e and f) is below the measured g range; however its
position can be deduced from the position of higher order
reflections. Note also the increasing number of higher order
reflections that become visible with increasing molecular
weight, indicating a stronger degree of phase segregation in
the higher molecular weight systems.

ABvs AB,
SAXS Results
0.1 —
o AB
5 « AB,
§ f\\
@
=]
c
<
*\
o
0.01
100 1000

N

Figure 4. Alog—Ilog plot of the first-order reflection peak (g*)
as a function of the total polymerization number of one A block
and one B block (N) for AB diblocks (unfilled) and A.B, stars
(filled). The solid lines are the best fit straight lines through
the linear and star data, indicating power law scaling of g* ~
N=, with = 0.73 £ 0.04 and 0.70 4 0.04 for linears and stars,
respectively.

the star polymers are consistently 5—10% more strongly
stretched compared to their linear counterparts over all
molecular weights, indicating stronger phase segrega-
tion in the stars. However both linear and stars show
approximately the same scaling of g* with respect to
N, i.e., g* ~ N7°, with § = 0.73 & 0.04 for AB diblocks
and 6 = 0.70 + 0.04 for A;B. stars (see Figure 4). Here
N is the total polymerization number of one A block and
one B block calculated using the formula given in
Appendix A, and the uncertainty in 6 reflects a 5%
uncertainty in molar masses and 1% uncertainty in g*
values.



Macromolecules, Vol. 33, No. 22, 2000

L10 & S10 (Temperature Sweep)
10 T T
| |

|
‘ ) ‘ IL
140 1‘§0 180 2‘00 220
T[C]

100 120

Figure 5. Dynamic storage modulus of L10 (unfilled) and S10
(filled) for increasing and decreasing temperature sweeps. The
order—disorder transition in both samples is indicated by the
sharp drop/rise in the storage modulus.

The values for the scaling exponent 6 that we have
found are in good agreement with self-consistent field
theory (SCFT) calculations by Matsen and co-workers
in the intermediate segregation regime, where 6 ~ 0.7
was found for both AB diblocks?728 and A,B, stars?8 (for
xN ~ 30—100). Our value for the AB diblock scaling
exponent is also in good agreement with the value 6 =
0.69 + 0.03 found by Mai et al. for symmetric poly-
(oxyethylene)—poly(oxybutylene) diblock copolymer
melts.?” SCFT calculations by Matsen et al. in the yN
range covered by our experiments also found lamellar
spacings for A;B, stars to be 5—8% higher than the
homologous AB diblocks,?® again in good agreement
with our measurements. Interestingly, Hadziioannou
and Skoulios report a scaling exponent of 6 = 0.79 +
0.02 for styrene—isoprene diblock copolymers in the
intermediate segregation regime,?® which is higher than
our value, but consistent with the value of 6 = 0.80 £+
0.04 reported by Almdal et al. for poly(ethylene—
propylene)—poly(ethylethylene) diblock copolymers.3°
One explanation for the difference between our results
and that of Hadziioannou et al. and Almdal et al. might
be that while all our samples are within the intermedi-
ate segregation regime relatively far from ODT, both
Hadziioannou et al. and Almdal et al. include samples
which are either weakly ordered or weakly disordered
in their determination of 6. For these samples which
are near the ODT, it is well-known that composition
fluctuations can induce a strong degree of chain stretch-
ing. The inclusion of these data points in Hadziioannou
et al. and Almdal et al. may therefore drive the overall
scaling exponent to slightly higher values than the
values that we have determined for 6.

B. Rheology of L10 and S10. Figure 5 shows the
elastic modulus, G, for L10 and S10 for increasing and
decreasing temperature sweeps. From the sharp drop
(rise) in G, the Topt for L10 is determined to be between
155 and 159 °C and the Topt for S10 to be between 197
and 198 °C (the hysteresis in both sets of measurements
is due to superheating/supercooling). This is in good
agreement with our previous rheological and SAXS
measurement of the Topt which yielded Topt ~ 158 °C
for L10 and Topt ~ 200 °C for S10.22 The significant
difference in Topt between L10 and S10 is contrary to
mean-field theory predictions. However as shown in ref
22, the experimental difference can be reproduced if one
includes the effects of compositional fluctuations and
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Figure 6. (a) Dynamic storage modulus and (b) dynamic loss
modulus of L10 (unfilled) and S10 (filled) shifted to a reference
temperature of To = 140 °C. The critical frequency for the onset
of mesophase relaxation (w; for G', w{ for G") for both L10
and S10 are indicated.

L
g

10

additional non-Gaussian chain stretching in A;B; in-
duced by the star branch point in the theoretical
calculation.

Figure 6a shows G’ (storage modulus) and Figure 6b
shows G" (loss modulus) as a function of frequency w
for L10 (open symbols) and S10 (filled symbols) for a
range of temperatures, going from below to just above
Topt. A strain amplitude of 2% was used at lower
temperatures, however, as Topt Was approached, it was
found to be necessary to use higher strain amplitudes
to compensate for the drop in modulus. The strains used
at higher temperatures are indicated in Figure 6, parts
a and b. A vertical shift of To/T was applied to account
for the temperature dependence of the plateau modulus,
where a reference temperature of To = 140 °C was used.
The data have also been shifted horizontally to super-
pose G' data at high frequency. For both L10 and S10,
the shift factors that produced superposition of the G"
data at high frequency also superposed the high fre-
guency G' data, although for the highest temperatures
in L10 and S10, the frequency at which the lower
(disordered) G' branch merges with the upper (ordered)
branch is above the frequency range of the rheometer.
The horizontal shift factors ar for L10 and S10 were
found to fit the WLF form well2°

—Cy(T = Typ)

lgar="7-7,
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Shift Factors & WLF Curves
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Figure 7. Linear—log plot of horizontal shift factors ar as a
function of temperature and best fit WLF curves for L10, S10,
L20, S20, and L60. The shift factors for L60 are those used to
superpose the high-frequency part of the data. The WLF curves
for pure Pl and PS are also plotted for reference.

The horizontal shift factors a; and the best fit WLF
curves for L10 and S10 are shown in Figure 7 while the
WLF parameters c; and c; are listed in Table 2.

Our results are in good agreement with previous
rheological measurements on unoriented symmetric
PS—PI diblocks with similar molecular weights.”=° For
T > Topr, both G' and G" clearly exhibit classical
terminal scaling, i.e., G' ~ w?, G"" ~ w for both L10 and
S10. For T < Topr, both classical scaling and time—
temperature superposition fail for frequencies below a
critical frequency, presumably due to the formation of
microdomains. The resultant terminal regime scales
roughly as G', G" ~ w2 and is intermediate between
that of a newtonian liquid and a solid (G' ~ w?); this
agrees well with previous experimental measurements
on unoriented lamellar phases.?=57~° Defining the criti-
cal frequency, atw. (or more specifically, a;w; for G'
and a;w; for G"), as the point where the disordered
branch of the rheology intersects the main branch, for
w < we, the main contribution to the modulus arises
from microdomain deformations, while for o > «., the
modulus is dominated by single chain relaxations of
PS and PI chains. For both L10, S10, we observe G,
G" ~ w'2 scaling at the highest frequencies; this is
reasonable given that both the Pl and PS blocks are
unentangled so that we would expect Rouse scaling
in this regime. The critical frequencies for L10 are
approximately a;w; ~ 150 rad/s, a;wg ~ 13 rad/s while
for S10, a;w; ~ 6 rad/s, a;w; ~ 0.3 rad/s; these are
indicated in Figure 6, parts a and b. In agreement with
other co-workers, we find that aw; is significantly
higher than a;w/ for both L10 and S10.2758

The application of time—temperature superposition
to thermorheologically complex liquids such as block
copolymers deserves some comment, given that there
are two temperature-dependent monomeric friction
coefficients in the system (corresponding to the PS and
PI rich microdomains respectively) and the morphology
is itself temperature dependent.3132 First, although
there are two monomeric friction coefficients in the PS—
PI copolymers, the relaxation time scales of the Pl and
PS domains are very different (due to their widely
differing glass transition temperatures Tg) so that
depending on the frequency range probed, the data may
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be time—temperature superposable using shift factors
based on one domain or the other over a limited
frequency range. Using the Rouse frequency (eq 6) of
equivalent homopolymer chains as an estimate for the
terminal single chain relaxation frequency for the PI
and PS blocks in L10, S10, we find wg' ~ 3 x 107 rad/s
and k> ~ 700 rad/s (at To). This means that within
the experimental frequency range studied in figs. 6a and
b, we are effectively measuring the relaxation spectra
due to PS domains alone.*® From Figure 7, we note
however that the temperature dependence of ar for both
L10 and S10 is not that of pure PS but is intermediate
between PS and PI. This is probably because for our
low molecular weight samples, the segregation between
monomers is not very strong, so that there is a sub-
stantial concentration of PI monomers even within the
PS rich domain and vice versa.*®

Second, although the morphology of L10 and S10
changes going through the ODT, for these low molecular
weight symmetric samples, composition fluctuations are
important near the ODT;23 these tend to smear out the
morphological changes between the ordered lamellar
phase and the disordered phase going through the ODT.
This may explain why applying time—temperature
superposition over the limited temperature range around
Topt in L10 and S10 appears to produce well-defined
master curves at high frequencies as well as physically
sensible horizontal shift factors ar. For the higher
molecular weight samples L20, S20, L60, and S60, we
are well into the ordered phase regime where there is
relatively little morphological change over the temper-
ature range studied. Time—temperature superposition
is therefore possibly applicable for these higher molec-
ular weight systems as well.

We note that for the linear system, the critical
frequencies o, w; are significantly higher than for the
stars, wi(L10)/w (S10) ~ 25, w (L10)/w/(S10) ~ 20. This
is rather surprising given that one normally thinks of
¢ to be a characteristic of the mesophase structure,
independent of molecular architecture. Indeed previous
measurements on homologous pairs of symmetric
diblocks and triblocks have found w, for the diblocks and
triblocks to be very close to one another: for example
for poly(ethylenepropylene)—poly(ethylethylene) (PEP—
PEE), Gehlsen et al.? have found w¢(diblock)/w(triblock)
~ 1 while for PS—PI, Riise et al.® have found w.(diblock)/
wc(triblock) ~ 3, when the rheological data were shifted
to a common reference temperature. We offer an expla-
nation for the difference in w. between diblocks vs A;B;
stars in terms of the layer hopping time of block
copolymers.

For many diblock systems, it has been found that the
first deviation from homopolymer viscoelastic response,
which might be called some kind of inverse longest chain
relaxation time or critical frequency wc, corresponds very
well to the time to diffuse through the layers by one
layer spacing.3” We shall assume this to be true for block
copolymers with other architectures as well, including
ABA triblocks, A;B; four-arm stars, etc. When consider-
ing the layer diffusion time for ABA triblocks, however,
it is necessary to distinguish “complete hopping”, i.e.,
where the central B block moves to the adjacent B layer
so that the whole chain moves by one period along the
lamellar structure, from just “block escape”, i.e., where
one A block pulls into the adjacent A layer while the
other A block and the B block remain in the original A
and B layer, respectively. We expect the “block escape”
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time to be comparable to the layer diffusion time of an
AB diblock but much faster than “complete hopping”
since “complete hopping” incurs a much higher energy
penalty compared to “block escape” (the B block is twice
as long as the A block for symmetric ABA). On the other
hand, “block escape” is not possible for A;B, stars, so
that layer diffusion has to proceed via “complete hop-
ping”; this is much slower than the layer diffusion of
the homologous diblock because star diffusion incurs
twice the energy penalty of diblocks (i.e., 2xNuaibiock
instead of yNgiblock, Where Ngiplock 1S the polymerization
number of the diblock). Consequently, while the time
scale for chain hopping between linears and triblocks
could be quite similar, we expect the time scale for chain
hopping to be much slower in stars compared to
diblocks. This is in agreement with the experimental
data for diblocks vs triblocks and diblocks vs stars.

Assuming that w is correlated to the layer diffusion
time of the chains, i.e., v = Dperp/LZ, we can try to
estimate the difference between w. for L10 and S10
quantitatively as follows. Here Dperp is the self-diffusion
constant of a lamellar block copolymer through the
layers and L the lamellar domain spacing. From SAXS,
at T = 140 °C, we find L = 175, 192 A for L10 and S10
respectively (see Table 2). For diblocks, Dperp has been
determined empirically for well entangled lamellar
PEP—PEE diblocks by Lodge and Dalvi, and they find
the relation Dperp/Do = exp{—0.422(%Naibiock — 9.1)},
where Dy is the diffusion constant in the absence of the
energy barrier to diffusion.383% Assuming that the
barrier to diffusion through the layers is largely inde-
pendent of the exact mechanism of motion, we shall
apply this expression to our unentangled diblock mate-
rial, L10. The diffusion constant for A;B, stars can be
estimated by modifying this expression to Dperp/Dg =
exp{—0.422(2yNdiblock — 18.2)} where the factor 2 in
front of ¥Naibiock iN the exponent is due to the star having
to drag two A blocks into a B layer and vice versa. We
have also assumed that the value of yNgibiock Where the
barrier vanishes remains the same as in the diblock
case. This is probably reasonable since L10 and S10 are
thermodynamically very similar (they are identical
within mean-field theory).?2

Using the parameter values given in Appendix A
to calculate Ngibiock @and y given by eq 3, for T = 140 °C
we find yNgibiock = 15.8 for both L10 and S10. This
gives Dperp(L10)/Dg(L10) = 5.9 x 1072 and Dperp(S10)/
Do(S10) = 3.5 x 1078. Now it is difficult to esti-
mate the absolute value of Dperp(L10) or Dperp(S10) due
to difficulties in estimating Do for PS—PI systems in
the microphase separated state; as pointed out by
Hamersky et al., one cannot simply use the value for
Dy in the disordered state because of the strong depen-
dence of Dy on the PS composition in the micro-
domains.®® However, we can estimate the ratio of Do
values which allows us to estimate the ratio of o values.
We expect Do(L10)/Do(S10) = 2, since at the same T
for L10 and S10 (i.e., same yNyibiock), their microdomain
compositions and therefore average friction coefficients
are similar and, in addition, both materials are un-
entangled so that Rouse scaling should be obeyed.
Combining all the above estimates for L, Dp, and Do,
we arrive at the final result w(L10)/w¢(S10) ~ 40. This
compares favorably with the experimental results of
wy(L10)/w (S10) ~ 25 and w (L10)/wS(10) ~ 20.

In the limit of very high frequency, the values of G”
for L10 and S10 appear to converge (the effect in G’
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Figure 8. (a) Dynamic storage modulus and (b) dynamic
loss modulus of L20 (unfilled) and S20 (filled) shifted to a
reference temperature of To = 140 °C. The frequency range
for Pl arm molecular relaxations (calculated from the
Milner—McLeish model) and the Rouse frequency of the PS
blocks are indicated.

is delayed to slightly higher frequencies). However,
differences in G', G" between S10 and L10 emerge
for o 2 wc; specifically both G' and G" for S10 exhibit
a shoulder which is absent for L10. The additional
shoulder in the star materials is even more striking for
S20, we shall therefore delay discussion of this point
until the next subsection. Finally, we note that the
temperature dependence of ar for S10 is closer to that
of PS compared to L10 (see Figure 7). This is consistent
with the fact that the Topt of S10 is significantly higher
than that of L10 so that we would expect stronger phase
segregation in S10 at the same temperature (below
Topt). This is supported by the SAXS results which
show the S10 chains to be more strongly stretched
compared to L10 (see Table 2).

C. Rheology of L20 and S20. Figure 8a shows G'
and Figure 8b shows G" as a function of frequency w
for L20 (open symbols) and S20 (filled symbols). As
before, the data have been subjected to time—temper-
ature shifting both vertically and horizontally in order
to superpose the high-frequency part of G"; this pro-
duced good superposition in G' and G over almost the
entire frequency range. The horizontal shift factors ar
for L20 and S20 were found to fit the WLF equation
well and both at and the best fit WLF curves are shown
in Figure 7 (cy, ¢ are listed in Table 2). We note that
the shift factors for L20 and S20 are very close to that
of pure PS, suggesting that the high-frequency part of
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the rheology is due to PS chain relaxations. We can
estimate the terminal PS chain relaxation frequency
from the Rouse frequency since the PS block weights
in both L20 and S20 are below the entanglement
threshold (M¢). Using eq 6 and the parameters in
Appendix A, we find the Rouse frequency of the PS block
to be wr = 1l/tg ~ 180 rad/s; this is within the
experimental frequency range and therefore supports
the fact that the high-frequency part of the L20 and S20
rheology is due to PS chain relaxations. Although the
Pl chains are more entangled than the PS chains, its
much lower Ty results in much faster relaxation times
compared to PS. The terminal relaxation time of the Pl
chains can be estimated by exploiting the similarity of
the entangled PI block dynamics to “arm retraction”
dynamics in homopolymer stars, due to the thermody-
namic pinning of the PS—PI block junctions. Using the
parameter-free theory of Milner—McLeish for homopoly-
mer stars (see Appendix B)*15 and the Pl parameters
given in Appendix A, the terminal time of PI chains is
estimated to be wf! = 1/}, = 10° rad/s. Clearly, the
PI chains relax much faster than the PS chains so that,
on experimental time scales, the dominant contribution
to the molecular viscoelasticity comes from the PS
chains.

For @ > wg, the L20 and S20 data coincide and
exhibit Rouse scaling of G', G ~ w2, This is what we
would expect since the high-frequency Rouse modes are
insensitive to molecular architecture. For o < wg, both
the L20 and S20 data exhibit nonclassical terminal
scaling of G', G ~ w2, we identify these as being due
to deformations of the lamellar microdomains. Because
of the higher molecular weight of L20 and S20 compared
to L10 and S10, the disordered phase could not be
accessed because the Topr was too high. Classical
terminal scaling was therefore not observed even at the
highest temperatures. We note that the low w data for
L20 and S20 do not coincide, with the S20 data being
shifted to lower frequency. This indicates that the
critical frequency for the onset of mesophase relaxations
wc occurs at a lower frequency for S20. At the lowest
frequencies, there appears to be some additional slow
modes in the L20 rheology. Similar low-frequency
processes were observed in a previous study!! and are
probably due to the relaxation of large scale grain
domains in the sample.

While the L20 and S20 data coincide for w > wg,
differences emerge for w ~ wg. Specifically, both G’ and
G" for S20 exhibit a shoulder which is absent for L20.
This shoulder was also observed in S10 but is more
striking for S20. There are two possible mechanisms
giving rise to this shoulder: 1. The different molecular
architectures of L20 and S20 give rise to differences in
the terminal Rouse spectra; 2. The lower w. in S20 leads
to a slower relaxation of the stress carried by mesophase
deformations. We shall explore these two models in turn
and evaluate their validity by seeking to fit quantita-
tively the L20 and S20 experimental data.

1. Differences in the Terminal Rouse Spectrum.
While the high frequency Rouse modes of different
polymer chains are insensitive to differences in molec-
ular architecture, we expect differences in molecular
topology to be reflected around the terminal regime of
the Rouse spectrum. Referring to Figure 9, due to more
severe thermodynamic and topological constraints act-
ing on S20 compared to L20, one might expect the
fluctuations of the block junction normal to the interface
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Figure 9. Combination of thermodynamic constraints at the
interface between PIl-rich and PS-rich domains and topological
constraints (i.e., tube potential) restricting the perpendicular
block junction fluctuations of hetero-stars more than linear
diblocks.

between PS and PI rich domains to be more strongly
suppressed in S20 compared to L20. The greater ther-
modynamic constraints in S20 come from the fact that
normal fluctuations of the block junction in S20 involves
dragging twice as many monomers into “enemy” terri-
tory compared to L20. The greater topological con-
straints are due to the PI chains in L20 and S20 being
entangled, so that there is a “tube” potential acting on
the PI chains which restricts motion lateral to the tube;
while normal fluctuations of the L20 block junction can
presumably proceed via (activated) reptation in the
tube, this is suppressed for S20 due to the presence of
the star branch point. The sum total of these two effects
therefore may lead to a stronger degree of block junction
pinning normal to the interface in S20 compared to L20.
(There should also be a difference in the mobility along
the interface between the two polymers. However,
according to the theory of Rubinstein on homopolymer
star diffusion, the difference probably only involves a
combinatorial prefactor and is therefore not very great.*0)
Given that on time scales of interest, the PI blocks are
essentially completely relaxed, we shall assume, to a
first approximation, that we can model the Rouse modes
of PS blocks in L20 and S20 (normal to the interface)
as that of a free and tethered chain, respectively. For
simplicity, we shall also neglect the effect of the chemi-
cal potential field which is present in block copolymers
to maintain the composition profile of the mesophase
structure. We expect that inclusion of this field does not
alter the qualitative features of the Rouse spectrum
though it may lower the absolute frequency scale. The
Rouse modes for a free and tethered chain can be most
easily derived pictorially by considering the normal
modes of a fixed length of chain which have either a
node or an anti-node at the chain ends depending on
the boundary conditions (Figure 10). Noting that the
relaxation time of a mode is proportional to the square
of the wavelength, it is then easy to see that for a free
chain, the spectrum of relaxation times is

T, =1lp% p=123,.. (4)
while for a tethered chain, it is
T, =41/2p — 1% p=1,23, .. (5)

where tr is the longest viscoelastic (as opposed to
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Free Chain Tethered Chain

p=1 p=1

Figure 10. Displacement as a function of length along chain
for the first three Rouse modes (p = 1, 2, 3) of a free chain
(dashed line) and tethered chain (solid line) of equal length.

rotational) Rouse relaxation time for a free chain and
is theoretically predicted to be*!

_ CN 2b2

= 6
6%k T ©)

TR

where ¢ is the monomeric friction coefficient, N the
number of monomers in a PS block, b the statistical
segment length, kg is the Boltzmann constant, and T is
the absolute temperature. We note that, for the tethered
chain, the relaxation time of the fundamental mode (p
= 1) is four times longer compared to the free chain. In
addition, the relaxation time of the p = 1 mode is 9 times
longer than the p = 2 mode while for the free chain, p
= lisonly 4 times longer than p = 2. The combination
of the lower frequency of the fundamental Rouse mode
and the larger spacing between the p =1 and p = 2
Rouse modes in the tethered chain give rise to an
additional shoulder in G' and G" which is qualitatively
similar to that observed in the S20 data (see Figure 11,
parts a and b).

The storage and loss modulus due to these Rouse
modes are given by*

1 (Ne) = (w1
Gr(w) = EGO N le Tmp)z (7)
o1 N\ = T,
Gi(w) = EGO W)F,Z‘ T(Mp)z 8

where Gy is the Plateau modulus of PS, N is the length
of the PS block (i.e., the number of monomers), N, the
entanglement length and the prefactor of %/, in eqs 7
and 8 accounts for the fact that shear stress is carried
by only half the bulk material, namely the PS domains,
since the Pl domains have completely relaxed on
experimental time scales.

To quantitatively evaluate the model that we have
presented above, we have fitted by hand the G" data
for L20 and S20 with eqs 8 and 4 and egs 8 and 5,
respectively. In fitting the data, we used for N, the PS
homopolymer value given in Appendix A and left Go and
wr = 1/tRr as free fitting parameters. The best fits were
obtained for the parameter values Go = 6 x 10* Pa and
wr = 120 rad/s and in Figure 11, parts a and b, the G’
and G" data together with the best fit curves are plotted.
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Figure 11. (a) Dynamic storage modulus and (b) dynamic loss
modulus of L20 (triangles) and S20 (squares) compared to the
free (dashed line) and tethered (solid line) Rouse models for
the PS block with the fitting parameters wg = 118 rad/s, Go =
6 x 10* Pa.

The values of the fitted parameters are physically
reasonable: wr is in excellent agreement with the
expected value of wg = 180 rad/s predicted by eq 6; Go
is only a factor of 3 lower than the experimental value
of Go = 2 x 10° Pa for PS homopolymers.*?> However
while the model for the tethered chain gives rise to a
shoulder in G' and G" which is qualitatively similar to
that observed in the S20 data, it clearly fails to capture
the intermediate and low o data: the predicted fre-
guency range of the shoulder in G' and G", and the
modulus of the shoulder in G' is much smaller than in
the experimental data. One shortcoming of the Rouse
model we have presented is that we have not included
the contribution from mesophase relaxations; conse-
quently, our model exhibits classical terminal scaling
rather the observed nonclassical terminal scaling of G,
G" ~ w2, The large discrepancy between the Rouse
model and the experimental data suggests that the
shoulder observed in the star system may be primarily
due to differences in the mesophase relaxation between
L20 and S20 rather than differences in the terminal
Rouse spectrum. In the next part, we therefore incor-
porate mesophase relaxations into our model.

2. Effect of Differences in Mesophase Dynamics.
A second possible mechanism giving rise to the shoulder
in the star material is that S20 possesses a higher
mesophase relaxation modulus and/or slower mesophase
relaxations compared to L20. Including the mesophase
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Figure 12. (a) Dynamic storage modulus and (b) dynamic loss modulus of L20 compared to the free Rouse + mesophase model
with fitting parameters wgr = 155 rad/s, Go = 6 x 10* Pa, w. = 64 rad/s, and Gmo = 3.3 x 10* Pa. (c) Dynamic storage modulus and
(d) dynamic loss modulus of S20 compared to the free Rouse+mesophase model with fitting parameters wg = 155 rad/s, Go = 6
x 10* Pa, w. = 22 rad/s, and Gmo = 5 x 10* Pa; in each case, the Rouse and mesophase contributions are also plotted out (long

dashed and dashed lines respectively).

contribution to the Rouse spectrum, the expressions for
G' and G" are modified to

G'(w) = Gg(o) + Gy(w) 9)
G"(w) = Gg(e) + Gy(w) (10)

Here Gy and Gg are the Rouse contributions to G' and
G" respectively and are given by eqs 7 and 8, respec-
tively. For both L20 and S20, the free chain Rouse
spectrum (i.e., eq 4) was used because we found that
good fits to either the S20 or L20 data could not be
obtained using the tethered chain Rouse spectrum (i.e.,
eq 5). The modulus Gy, and Gy, represent the meso-
phase contributions to G' and G" respectively. In
the time domain, this is modeled by the phenomeno-
logical expression

(11)

where Gy is the modulus due to the deformation of
microdomains and o = 1/t. is the critical frequency for
the onset of mesophase relaxations. Equation 11 rep-
resents the simplest expression that gives correct
asymptotic behavior at both short and long times: for t
< 1, G(t) = Gwmo; i.e., the mesophase stress remains
unrelaxed, while for t > 7., we obtain the correct

nonclassical terminal scaling of G(t) = Guo(t/z) 2. The
response functions in the frequency domain, G),(w)
and Gy,(w), are readily calculated by exploiting the
inverse Laplace transform of Gy(t).

The L20 and S20 data were fitted using the above
model as follows. We first fitted by hand the G" data
for S20 using eq. (10), with Gg(w) given by eqgs 8 and 4,

w(w) given by (the Fourier—Laplace transform of) eq
11 and leaving Go, wr, Gmo, and w. as free fitting
parameters. The best fit was obtained for the parameter
values Gp = 6 x 10* Pa, wg = 155 rad/s, Gmo =5 x 104
Pa, and w. = 22 rad/s. The L20 data were then fitted
keeping Go and wr fixed at the S20 values and using
Gwmo and w. as free parameters. The best fit was obtained
for Gmo = 3.3 x 10% Pa and w. = 64 rad/s. The rationale
for keeping Gp and wr fixed is the fact that the L20 and
S20 data coincide at high w. In Figure 12, parts a and
b, we plot the L20 G' and G" data respectively together
with the best fit curves while in Figure 12, parts ¢ and
d we plot the S20 G’ and G data respectively together
with the best fit curves.

The model including mesophase relaxations produces
remarkably good fits to both the L20 and S20 data, with
physically reasonable fitting parameters (the slight
deviations from the Rouse model in the high v G" data
are probably due to interference from high-frequency
PS glassy dynamics). The fitted value of Gg is only a
factor of 3 lower than the value for PS homopolymers
Go = 2 x 10° Pa.*2 The lower Gq is probably due to the
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fact that the PS and PI single chain relaxations are not
strictly independent but are coupled via relaxations of
the microdomains (see subsection I11.D). The stress
carried by PS chain deformations after the PI chains
have relaxed may therefore be significantly less than
half the total stress, which was assumed in our model.
The fitted value for wg is in good agreement with the
value of wg = 90 rad/s predicted by eq 6. The fitted
values of Gy for L20 and S20 are within 50% of each
other while the fitted value of w. for S20 is a factor of 3
lower than for L20. Both Gyp and . values for L20 and
S20 are in good agreement with the predictions of
Kawasaki—Onuki theory (see later).#3 From the fact that
guantitative fits to the L20 and S20 data can only be
obtained if one includes the mesophase contribution and
uses the free chain Rouse spectrum, we conclude that
the additional shoulder in S20 (and probably S10) is
primarily due to differences in the mesophase relax-
ations between the linear and star materials rather than
differences in the Rouse terminal spectra (at least
within the framework of our model).

We note that o, for the star material (S20) is smaller
than the linear material (L20), though the difference
between L20 and S20 is much smaller compared to that
between L10 and S10. Estimating the layer diffusion
time for L20 and S20 chains using the same method as
in subsection 111.B (assuming PS frictional coefficients
for the whole chain), we find values for the inverse layer
diffusion time which are many orders of magnitude
smaller than w.. In addition, the inverse layer diffusion
time for S20 is found to be many orders of magnitude
smaller than for L20, which again does not agree with
the difference in the fitted values of o that we find.
This suggests that, for higher molecular weight block
copolymers that are more strongly segregated, the layer
diffusion time becomes so slow that the system may
choose alternative routes for mesophase stress relax-
ation. One such alternative is for the system to relax
via collective hydrodynamic fluctuations of the lamellar
layers, as envisaged in the Kawasaki and Onuki theory
for block copolymer mesophase relaxation.*® The theory
predicts Gyo ~ 0.1 B and w. = B/, where B is the
compression modulus of the lamellar layers and 7 is the
appropriate viscosity associated with the mesostructure,
which in this case is the viscosity of the PS layers (see
subsection 111 D for more details). We can estimate B
for L20 and S20 lamellar layers by scaling down typical
values of B for small molecule smectics, Bs ~ 6 x 108
Pa.*® Using scaling arguments which are valid in the
strong segregation regime, it can be easily shown that
B/Bs ~ As/A, where s &~ 1079 m is the typical lamellar
spacing in small molecule smectics and 4 is the lamellar
spacing in L20 or S20. From SAXS, 1 = 27/q* ~ 300 A,
so that B ~ 2 x 10° Pa. The viscosity of the PS layer
can be estimated from n ~ Go(N¢/N)zr, where Gy and
N, are respectively the plateau modulus and entangle-
ment length of PS, N, and 7 are respectively the length
and rouse time of the PS block. Using the parameter
values given in Appendix A, we find n ~ 2000 Pa-s.
Kawasaki—Onuki theory therefore predicts Gyo ~ 2 x
10* Pa and w. = 100 rad/s; This compares very favorably
indeed with the fitted values of Gy = 3.3 x 104 Pa, w,
= 64 rad/s for L20 and Gmo = 5 x 10* Pa, w. = 22 rad/s
for S20 and suggests that the mesophase dynamics of
L20 and S20 are controlled by collective hydrodynamic
layer fluctuations.
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The smaller value of w. for S20 compared to L20 may
be due to two factors. First, there is a stronger chemical
potential field acting on the PS chains in S20 due to
the stronger degree of microphase segregation in S20
(as shown by the stronger chain stretching observed
from SAXS; see Table 2). This chemical potential field
has hitherto been neglected in our discussion and
results in slower PS chain relaxations in S20 compared
to L20. Second, the stronger microphase segregation in
S20 also results in the PS rich domains having a higher
composition of PS. As shown by Hamersky et al., the
effective friction coefficient of the PS rich domains in
PS—PI copolymers is very sensitive to the PS composi-
tion;® the higher PS composition in S20 therefore leads
to a higher effective friction coefficient which further
slows down PS chain relaxation. This point is supported
by the fact that the horizontal shift factors ar for S20
is closer to pure PS compared to L20 (see Figure 7).
Assuming that the Kawasaki—Onuki theory correctly
describes the mesophase dynamics in L20 and S20,
these two factors have the effect of increasing the PS
layer viscosity # and therefore lowering w: in S20
compared to L20.

D. Rheology of L60 and S60. Parts a—d of Figure
13 show the rheology data for L60 (open symbols) and
S60 (filled symbols). The data were subjected to vertical
time—temperature shifting in the usual way. The
horizontal shifting however was performed in two
different ways. In Figure 13, parts a and b, the data
were shifted to superpose the high frequency G" data
as before. This produced shift factors that were very
close to that of pure PI (see Figure 7). Indeed, for S60,
pure Pl shifts were used to superpose the high-
frequency data. We observe that the values of G" for
L60 and S60 appear to merge at high frequencies and
converge for G". Both L60 and S60 appear to exhibit
G', G" ~ w2 behavior at high frequency, though this is
better developed for L60 compared to S60. In Figure 13,
parts ¢ and d, on the other hand, horizontal shifting was
performed using pure PS shift factors and these were
found to superpose the low-frequency data of both L60
and S60 very well. At the lowest frequency, both G’ and
G" again exhibit w2 scaling, though the relaxation of
S60 appears to be slower than L60 so that the data for
L60 and S60 do not coincide at low frequency. Between
the w2 scaling at high and low frequencies, a relatively
clear plateau is observed, which is presumably due to
molecular entanglements. This is confirmed by calcula-
tion of the PS single-chain relaxation time (see Figure
13c). The interesting superposition behavior of L60 and
S60 indicates that two distinct relaxation mechanisms
are in operation at the high and low-frequency end of
the data, which are controlled by Pl and PS friction
coefficients, respectively. Time—temperature superposi-
tion however breaks down for intermediate frequencies
due to interference between these two mechanisms.

Given the high molecular weight of the PS blocks, we
expect the PS chains to be entangled for both L60 and
S60. We can estimate the longest molecular relaxation
time of the PS chains using the Milner—McLeish theory
as before. This gives (using PS parameters given in
Appendix A) wpe, = 1lthe, = 0.2 rad/s. Taking into
account the experimental uncertainty in the ¢ param-
eter and the fact that we have neglected the chemical
potential field acting on the block copolymer chains, the
agreement between the theoretical estimate and the
experimental value for the terminal frequency of the
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Figure 13. (a) Dynamic storage modulus and (b) dynamic loss modulus of L60 (unfilled) and S60 (filled) shifted to a reference
temperature of To = 140 °C. The data have been shifted to superpose the high-frequency part of the data. Pure PI shift factors
have been applied to S60 while shift factors close to that of pure PI have been applied to L60 (see Figure 7). (c) Dynamic storage
modulus and (d) dynamic loss modulus of L60 (unfilled) and S60 (filled) shifted to a reference temperature of To = 140 °C using
pure PS shift factors. The PS shift factors superpose the low-frequency part of the data very well. In parts a—d, the frequency
range for Pl and PS arm molecular relaxations calculated from the Milner—McLeish model are indicated.

plateau regime is reasonably good (the experimental
value is ~ 0.02 rad/s for both L60 and S60 from the point
at which G' and G" in parts ¢ and d of Figure 13,
respectively, first coincide). The terminal frequency of

the PI chains on the other hand is estimated from the

Milner—McLeish theory to be ol = 1/7),, = 600

rad/s which is much higher than the experimental
terminal frequency of the plateau regime. We therefore
identify the plateau as being due to PS entanglements.
Below the terminal frequency of the plateau, we observe
G', G" ~ w'? scaling rather than classical terminal
scaling due to the presence of unoriented lamellar
mesophase.

While the theoretical estimate of the PS terminal
frequency is in reasonably good agreement with the
plateau terminal frequency, the plateau moduli of L60
and S60 are rather low: about 10* Pa for S60 and less
than 10* Pa for L60. This compares with an expected
plateau modulus of /,Go(PS) ~ 10° Pa for PS entangle-
ments, where Go(PS) is the modulus for bulk PS, and
1/, accounts for the fact that only half the volume of L60
and S60 consists of PS. The interpretation of the w2
scaling at high frequency is at first sight equally
puzzling. Given that the data superpose according to
Pl shift factors, naively, one might assume that the
rheology arises from PI molecular relaxations. However,

as we have estimated earlier, the terminal frequency
for PI single-chain relaxations is above the experimental
frequency range (wf.,, = 1/t = 600 rad/s). This
means that the PI superposed region in Figure 13, parts
a and b is deep into the PI terminal regime, where the
modulus from Pl molecular relaxations is much lower
than the observed values and also obeys classical
terminal scaling rather than the observed G', G ~ w2
scaling.

The frequency and modulus scale of the Pl superposed
regime instead suggest that the underlying relaxation
mechanism may be due to mesophase deformations
rather than Pl molecular relaxations. The different
contributions to the total stress can be most easily
understood by considering the linear response of the
block copolymer system to a step strain in the time
domain. The free energy density of the system im-
mediately after the step strain is given by (assuming
incompressibility)*3

f= Gpl(%[VuP' + (VUPI)T])Z +
GPS(%[VUPS + (VuPS)T])2 +

%B(V”u”)2 + %K(Vzuuu)z (12)
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where Gp; and Gps are the appropriate elastic shear
moduli for the Pl and PS phase, respectively, B is the
layer compression modulus and K is the bending
modulus of the lamellar mesostructure, uP' and uP! are
the displacament vectors due to deformation in the Pl
and PS phase respectively, uy is the component of the
displacement vector parallel to the local lamellar nor-
mal, Vv and Vg are respectively the components of the
V operator parallel and perpendicular to the local
lamellar normal, and (Vu)T is the transpose of the tensor
Vu. The first two terms in eq 12 represent contributions
to the total stress arising from molecular deformations
while the last two terms represent the contribution from
mesophase deformations (in writing the last two terms,
we have used the fact that the lamellar phase in block
copolymers has the symmetry of the smectic A phase
in liquid crystals.*®) After the step strain, the different
stress contributions decay with time at different rates
from each other (the different relaxation processes
however may not be independent of each other, as we
shall see later). In most studies of block copolymer
rheology, one assumes that the stress carried by me-
sophase deformations relaxes only after the molecular
stress in both phases has effectively completely relaxed.
However, for systems where there is a wide separation
of glass transition temperatures (Tg) between the two
microphases (e.g., PS—PI block copolymers), the molec-
ular relaxation of the slower phase (i.e., the phase with
higher Tg) may be pre-empted by a partial relaxation
of the mesophase stress as we shall now demonstrate.
Within the frequency range of the Pl superposed
region, the PS phase behaves like a rubbery solid while
PI phase-like a liquid, since why, < w < bl < whs,.
where wf> % 0.2 rad/s is the terminal frequency of the
PS chains, wf, ~ 600 rad/s is the terminal frequency
of the PI chains and wfy,, = 372ksT/(Eh?) ~ 3 x 108
rad/s is the Rouse frequency of a PS statistical segment
length. The melting of one of the phases in the lamellar
structure (i.e., PI) means that part of the stress carried
by the mesophase may be able to relax despite the fact
that the PS phase remains a solid. The stress relaxation
spectrum of a polydomain lamellar block copolymer has
been calculated by Kawasaki and Onuki“® by exploiting
the identical symmetry of the lamellar mesophase to
smectic A liquid crystals. Their result for G', G" is

w\12
G'(w) ~ G"(0) ~ 0.15(5) (13)

The frequency dependent rheology in this model is due
to the hydrodynamic fluctuations of the lamellar layers
and the theory applies at low frequency, o < w., where

w, = Bly (14)

is the critical frequency for the onset of mesophase
rheology. Here B is the lamellar compression modulus
and #» is an appropriate viscosity associated with the
mesostructure.

Applying this theory to L60 and S60, it is clear that
the appropriate viscosity in the frequency range of
interest is the viscosity of the Pl phase, i.e., n = 5p| ~
Go(PI)h,, ~ 70 Pa-s. The contribution of the PS phase
to B can be estimated to be roughly the same as the
rubber plateau modulus of PS Go(PS) ~ 2 x 10° Pa,
since uniaxial compression is a volume preserving
deformation. The contribution of the PI phase to B can
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Figure 14. lllustration of how Pl controlled mesophase
relaxations can be coupled to PS molecular relaxations: the
liquid nature of the Pl layers means that the PS—PI interface
on either side of the solid PS layer can be displaced with
respect to each other, leading to a significant relaxation of
stress in the solid PS layer.

be estimated from the free energy of compressing two
polymer brush layers against each other. Using strong
segregation theory, we get the scaling result B ~
¥ 3Np"?3kgT/vp ~ 10° Pa. We can also estimate the
contribution of Pl to B by scaling down typical values
of B for small molecule smectics, as discussed in
subsection I111.C. This gives B ~ 10° Pa, which is in good
agreement with our first estimate. Interestingly, the
contributions from PS and PI are nearly the same, we
therefore set B ~ 10° Pa for the entire sample. Using
these values of # and B, we find w. ~ 10°% rad/s. We
note that w. > why, and o ~ o}l . This means
that, intermediate between the Pl and PS single-chain
terminal relaxation frequencies, we expect to find a Pl
rate controlled mesophase relaxation with G', G" ~ w12,
This prediction is in both qualitative and quantitative
agreement with the experimental data in Figure 13,
parts a and b.

Although we have separated out the different con-
tributions to the total stress in eq 12, it is important
to realize that the relaxation mechanisms of these
different contributions are not independent of each
other. This is illustrated in Figure 14 where we show
a solid PS layer sandwiched between two liquid PI
layers. The liquid nature of the Pl layers means that
the PS—PI interface on either side of the PS layer can
be displaced with respect to each other leading to a
significant relaxation of the stress carried by the
deformation of PS chains, even for w. > why,. The
coupling of Pl controlled mesophase relaxations to
PS molecular relaxations in this and analogous ways
may explain why the PS entanglement plateau in
Figure 13, parts a—d, is much lower than what we
would expect for bulk homopolymers. For w. < why,
we have melting of the PS phase also which allows
the residual stress carried by mesophase deformations
to be relaxed. The relevant viscosity for this process
is the viscosity of the PS phase, nps. This leads to PS
controlled w2 scaling at low frequencies, as observed
in Figure 13, parts ¢ and d.

At this point, it is interesting to ask why the fast PI
controlled mesophase relaxation described above was
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not observed for L10, S10, L20, and S20 even though
the condition w. > why, is also satisfied in those
systems; e.g., for L20, S20, using the same theoretical
estimates as above, we find w; ~ 5 x 10* rad/s while
whe  ~ 100 rad/s for L20 and S20. We offer the
following heuristic argument based on the qualitatively
different PS molecular relaxations in the higher and
lower molecular weight block copolymer systems as a
possible explaination for this anomaly. Let us consider
the shear stress o(t), which represents the linear stress
response (in the time domain) of the block copolymer
system to a small step strain. For our system param-
eters (both high and low molecular weight samples), at
t= rcp' = npi/B, effectively all the Pl molecular stress is
relaxed, part of the PS molecular stress has already
relaxed (via Rouse relaxation), while the mesophase
stress is unrelaxed. Since the remaining PS stress is
the dominant contribution to the overall stress, we can
represent it by oo = o(z."). For t > 7', relaxation of o
can proceed via two possible routes:

i. PS molecular relaxation: for low molecular weight
samples, the PS chains are unentangled or only margin-
ally entangled, so that we have Rouse relaxation o(t) =
oo(t/z]")12; for L60, S60 however, the PS chains are
entangled and the onset time of the plateau regime 7.
= {b2Ne2/(37%ksT) ~ 102 s is close to 7' ~ 1073 rad/s.
Therefore, for most of 70! <t < 75y, the stress remains
unrelaxed, o(t) ~ o(te) (t/1e)°.

ii. Pl controlled mesophase relaxation: as explained
earlier, this can substantially relax PS molecular stress
(see Figure 14). According to Kawasaki—Onuki theory,*3
this is approximately given by o(t) ~ go(t/z.")¥2 for both
high and low molecular weight samples.

Assuming that we have parallel addition of relaxation
modes, the system will always choose the faster relax-
ation route. For the lower molecular weight systems,
PS molecular relaxation is at least as fast as PI
controlled mesophase relaxation; there is therefore no
need for the system to relax via Pl controlled meso-
phase relaxation and it instead proceeds via normal PS
molecular relaxation. For L60 and S60 however, PS
molecular relaxations are much slower, especially in
the plateau region 7. < t < Thy,,; relaxation therefore
proceeds via Pl controlled mesophase relaxation.

If the above heuristic argument is correct, one
would expect for t > 7' (0 < f"), a crossover from
Pl dominated mesophase relaxations to PS molecular
relaxations as 7p,,, approaches 7. from below. It would
be interesting to study block copolymer samples with
molecular weights between L20, S20 and L60, S60 to
determine at what point this crossover in rheological
behavior occurs.

Comparing parts a and b of Figure 13 with parts c
and d of Figure 13, we note that the PI controlled w2
relaxations coincide for the linear and star samples at
high frequencies. However, differences between L60 and
S60 emerge at the crossover between Pl dominated and
PS dominated dynamics; specifically, the relaxation of
S60 appears to be slower compared to L60 in the plateau
and PS controlled mesophase relaxation regions. This
may be due to the stronger chemical potential field
acting on the PS chains in S60, which leads to slower
PS chain dynamics. It creates an enthalpic barrier to
PS arm retraction of order (yN)Y® per chain,** in
addition to the entropic barrier of order N/N¢ per chain,
where N is the number of monomers in the PS chain

Macromolecules, Vol. 33, No. 22, 2000

(see Appendix B). The strength of this field is greater
for S60 compared to L60 due to the stronger degree of
phase segregation in S60 (as shown by the stronger
chain stretching observed from SAXS, see Table 2). For
PS chains, which are only moderately entangled (N/Ne
~ 3.6), the enthalpic barrier is comparable to the
entropic barrier ((yN)¥® ~ 3.6) so that the stronger
chemical potential field leads to noticeably slower PS
chain dynamics in S60 compared to L60. In contrast,
this field does not appear to have an appreciable effect
on Pl chain dynamics, presumably because the PI
chains are much more strongly entangled (N/Ne ~ 9),
so that the enthalpic barrier is negligible compared to
the entropic barrier.

1V. Conclusions

In this paper, we have studied the linear shear
rheology and small-angle X-ray scattering of three
symmetric styrene—isoprene (PS—PI) diblock copoly-
mers L10, L20, and L60 compared to their hetero-four-
arm star counterparts S10, S20, and S60. The SAXS
data showed that for both the linear and star systems,
the first-order reflection peak g* scaled with overall
molecular weight N according to g* ~ N9, with § ~ 0.7
for both linear and star systems. However, the star
chains were consistently 5—10% more strongly stretched
compared to their linear counterparts, indicating stron-
ger phase segregation in the hetero-arm stars. This is
consistent with rheological measurements of Topr,
where we found the Topr of S10 to be significantly
higher than L10: Topr ~ 160 °C for L10 and Topt ~
200 °C for S10. The Topt values for L20, S20, L60, and
S60 were much higher than the sample degradation
temperature and therefore could not be accessed ex-
perimentally.

Dynamic frequency sweep data were measured for all
six block copolymer samples in the unoriented state and
extremely rich rheological behavior was found. For L10,
S10, the system is in the disordered phase for T > Topr
and the rheology exhibited classical terminal behavior
at low frequency, i.e., G' ~ w?, G" ~ w. For T < Topr,
nonclassical terminal behavior with the approximate
scaling G', G” ~ w2 was observed at low frequencies
due to the formation of the lamellar mesophase, while
single chain relaxations dominated at high frequencies
with the data being time—temperature superposable.
The critical frequency for mesophase relaxations w. was
determined by the intersection of the disordered branch
with the main branch of the rheology. We found w, for
S10 to be about 20 times smaller compared to L10 when
the data were time—temperature superposed to a com-
mon reference temperature. This correlated very well
with quantitative estimates of the difference in lamellar
hopping time between L10 and S10 and suggests that
mesophase relaxations for the 10K arm block copoly-
mers may be controlled by layer hopping of chains.

For L10, S10, L20, S20, the high-frequency part
of the rheology data could be superposed with shift
factors close to that of pure PS, indicating that PS

chain relaxations dominate for w > ol , where

whs . is the PS block terminal relaxation frequency.
For o < why., mesophase relaxations dominate and
nonclassical terminal scaling of G, G" ~ w!2 was
observed. No Pl molecular relaxation was observed as
the inverse longest PI chain relaxation time was above
the experimental frequency. For L10, S10, L20, and S20,

the rheology of the linear and star analogues coincide
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for w > why,., but an additional shoulder in G’ and G"
emerges for the stars for o ~ why,,. Excellent quanti-
tative fits across the whole frequency range were
obtained by fitting the L20 and S20 data to a simple
model incorporating free chain Rouse dynamics and
mesophase relaxations. Mesophase relaxations were
found to be dominant in the shoulder region of S20; w.
for S20 was found to be 3 times lower than in L20 while
Gwmo for S20 was only slightly higher than in L20. From
our model fit, we therefore conclude that the shoulder
observed in the star materials is a result of differences
in the linear and star mesophase relaxations rather
than differences in linear and star terminal Rouse
modes. The resultant fitting parameters from the model
were physically sensible, and in particular the critical
frequency o, and mesophase modulus Gy for L20 and
S20 were found to be in good agreement with values
predicted by Kawasaki—Onuki theory. In contrast,
estimates for the inverse chain hopping time for L20
and S20 were many orders of magnitude lower than the
fitted values of w¢, with the inverse chain hopping time
for S20 being many orders of magnitude lower than S20.
This suggests a qualitative difference between the
mesophase relaxations of the 10K and 20K arm materi-
als, with the latter being controlled by collective hydro-
dynamic layer fluctuations rather than chain hopping
events.

For L60 and S60, qualitatively different behavior from
the lower molecular weight materials was observed. For
w < why,., the terminal frequency of the PS chains, /2
scaling was observed as expected (corresponding to
mesophase relaxations) and the low-frequency data

were found to be superposed using pure PS shift

factors. However, for o > why, ., the data were super-

posed by shift factors close to or equal to that of pure
PI. The low modulus and frequency scales as well as
the w2 scaling at high » however indicate that instead
of Pl molecular relaxations, we have Pl controlled
mesophase relaxations. We attribute this to the very fast
relaxations of the PI chains so that even at the highest
experimental frequencies, the Pl phase has already
melted, allowing the mesophase stress to partially
relax. This is supported by theoretical estimates of
the critical frequency for Pl controlled mesophase
relaxation w.', where we find using Kawasaki—Onuki
theory ' > iy, This is in striking contrast to block
copolymers which only have a small difference in Ty
between the two microphases, e.g.,, PEP—PEE, where
¢ is less than the longest chain relaxation time of
both phases. We show that the PI controlled mesophase
relaxation can also relax PS molecular stress and
suggest that this is what leads to the unusually
low PS entanglement modulus values observed for L60
and S60. For future work, we propose that the rheology
of block copolymers with molecular weights between
that of L20, S20 and L60, S60 should be studied to
see at what point the crossover from PS molecular
relaxations to Pl controlled mesophase relaxations at
high frequencies occurs. The rheology of L60 and S60

coincide for o > why, but differences emerge for v =

wbS.. This difference is attributed to the stronger
chemical potential field acting on the PS chains in S60

which leads to slower PS arm retraction dynamics.
In summary, our study has revealed interesting

contrasting behavior between the rheology and lamellar
spacings of linear (diblocks and triblocks) and star block
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copolymers, between the rheology of block copolymers
with different degrees of segregation as well as between
the rheology of block copolymers with more dissimilar
blocks (in terms of Ty etc.), which have been used in
this study, and block copolymers with more similar
blocks studied by previous co-workers (e.g., PEP—PEE).
Our study also allowed us to identify the underlying
mechanisms responsible for the different regimes in
block copolymer rheology, especially differentiating the
single-chain relaxation regime from mesophase smectic
viscoelasticity; these mechanisms would have been
difficult to elucidate without employing the star and
linear architectures and the wide range of molecular
weights that have been used in this study.
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Appendix A: Parameters for Pl and PS chains

For the theoretical estimates performed in the paper,
we have used the following parameters for PS and Pl
chains: for PI,{=1.223 x 10022 Nm™1s,b=6.5A, p
=830 kg/mS3 (i.e., v=1.36 x 10722 m3, ¢ = 7.35 x 10%
m~3), and M, = 6786 g/mol, while for PS, ¢ = 1.12 x
100"Nm1s,b=6.7 A, p=969 kg/m3 (i.e., v=1.78 x
10728 m3, ¢ = 5.61 x 102" m~3), and M, = 16636 g/mol
where ¢ is the monomeric friction coefficient, b and v
are the monomer length and volume, respectively, p and
¢ are the mass and number density, respectively, and
Me is the entanglement spacing. All results above are
based on Pl and PS homopolymer values with mono-
meric molecular weights of My = 68 g/mol for Pl and
Mo = 104 g/mol for PS and the results are referenced
to T = 140 °C. The values for ¢ are taken from Ferry?0
while all other parameters are taken from Fetters et
al.*2 Note that our values for M, are 1.25 times greater
than in ref 42 in order to harmonize our definition of
M. with that of refs 14 and 15. For rheological calcula-
tions, the number of monomers in the PS and PI blocks
are calculated using the PS and Pl monomer weights
respectively, i.e.

Nps = Mpo/Mg® N = Mp/Mg!

where M{° and M{' are the number-averaged molecu-
lar weights of PS and PI blocks, respectively. On the
other hand, for thermodynamic calculations, the total
number of monomers in the block copolymer N (e.g., in
(xN)opr) is calculated based on a common reference
monomer volume v = (Vpsvp)*?, i.e.

PS PI
M, N M,
_ _Pps  Ppi
- (MSS Mg‘l)l/z
Pps  Ppi

Appendix B: Milner—McLeish Theory

The Milner—McLeish theory is a parameter-free
theory that allows us to calculate the arm retraction
time of entangled homopolymer star melts.}415 The
relaxation time z(s) for a star arm to retract a fractional
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distance s (0 < s < 1, s = 1 at the star branch point)
along its primitive path is given by®®

Tearly(s) [Ueﬂ(s)]

= B1
O U ey @ D
where
Teany(S) = 2257°12567,(N/N,)"s* (B2)
N \372( 75\ 12
Tlate(s) = Te(N_) (3_0) X
exp[U.(s)]
4N, : 20/a+1 1 \-2]12 (B3)
S[(1‘5)2“+{(15—N)(1+°‘>} ares) ]
15N 1 - (1 —s)"[1+ (1 + ws]
Uerl®) = 2N, 1+a)2+a (B4

In the above equations, 7. = {N¢2b%(37%kgT) is the Rouse
time for an entanglement length Ng, N is the length of
the star arm (i.e., number of monomers in the arm), and
o is the dilution exponent which we shall take as o =
713 following Milner and McLeish.
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